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ABSTRACT. The evolution of the surface morphology during exsolution of Ni from the
perovskite, La0.4Sr0.4Ti0.97Ni0.03O3-δ, under reducing conditions was determined using atomic
force microscopy (AFM). The exsolution process was found to initially induce the formation of a
20-30 nm deep pit on the oxide surface followed by the emergence of a Ni particle at the bottom
of the pit. Continued emergence of the particle results in it nearly filling the pit producing a
unique structure in which the Ni particle is socketed into the oxide surface. We also show that
this morphological evolution can be explained using a simple energy-based model that accounts
for the interplay between the surface free energy and the strain energy induced by the included
metal nucleate. The unique socketed structure results in strong anchorage between the exsolved
particles and the oxide host lattice which imparts both high thermal stability and unique catalytic
activity.
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While supported metal catalysts are used extensively in the chemical process industries,
maintaining high metal dispersion and avoiding deleterious reactions, such as coking (i.e.
formation of a deleterious carbonaceous layer), often limits catalyst lifetime and effectiveness.
Exsolution of metal nanoparticles from a host oxide lattice, which was first proposed by
researchers at Daihatsu and Toyota,1 has emerged as a promising synthesis method to overcome
some of these limitations. In this approach metal cations dissolved in an oxide lattice, typically a
perovskite, exsolve from the lattice under reducing conditions and condense into catalytically
active metal nanoparticles which decorate the oxide surface. A striking feature of the exsolved
metal nanoparticles is their exceptional coarsening and coking resistance while maintaining
catalytic activity for desirable oxidation and reforming reactions.2 These positive aspects are
likely due to the exsolved nanoparticles forming a socketed or particle-in-a-pit structure with the
oxide surface as has been revealed by transmission electron microscopy (TEM).2–6 The work
reported here provides the first combined experimental and theoretical study which elucidates the
mechanism by which the exsolved particles become embedded into the oxide surface in the first
place, rather than simply residing on its external surfaces or remaining inside the lattice. In
particular, we have investigated the morphological evolution over the course of Ni particle
exsolution from the A-site deficient perovskite, La0.4Sr0.4Ti0.97Ni0.03O3-δ, (Ni-doped LST). In
addition to being a good model system, Ni-doped LST is representative of range of oxides that
have been shown to be active for metal exsolution and suitable as the electrochemically active
phase in electrodes in solid oxide electrochemical cells.7–11
The A-site deficiency in La0.4Sr0.4Ti0.97Ni0.03O3-δ promotes exsolution of the more reducible Ni
B-site cation3 and it has previously been observed that the exsolved Ni forms the aforementioned
particle-in-a-pit structure.2,3 The exsolution process was imaged using atomic force microscopy
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(AFM) whose sub-nanometer height resolution allows minute changes in the surface
morphology, such as those that occur during the initial stages of the exsolution process, to be
detected. Prior to reduction, sintered pellet samples were broken to obtain smooth fractured
surfaces suitable for investigation. It is known that native surfaces can go through surface
reconstruction that may hinder particle exsolution.2 Varying the reduction temperature and
duration with AFM images collected ex situ at various stages provided detailed insight into the
exsolution process.

Figure 1. Initial pit formation and morphological evolution for nickel particle exsolution. (a)
AFM image of as-fractured surface before reduction. There is no noticeable feature at this stage.
(b) Multiple pits formed after reduction at 600 °C (15 min, dry H2). (c), (d), (e), (f) 3D images of
four different pits formed after reduction at 600 °C (45 min, dry H2). All four pits were found in
one scan area (2µm × 2 µm). (g) AFM image after reduction at 700 °C (15 min, dry H 2). (h) 3D
view of (g). (i) AFM height profile along the line shown in (g).
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Figure 1a displays an AFM image of the fractured Ni-doped LST surface prior to reduction.
This image shows that the surface is relatively smooth with a root-mean-square roughness of 1.2
nm. Secondary electron microscopy images of non-fractured surfaces (not shown), showed that
the individual grains were larger than 10 µm in diameter, so the AFM images are effectively
sampling a single grain. Initial reduction induces the formation of multiple small indentations or
pits on the oxide surface (Figure 1b). Figures 1c-f show close up 3-dimensional images of
several pits that formed upon mild reduction in dry H2 at 600 °C for 45 min. Note that for the
sintering conditions used to produce this sample (1500 °C, 4h) it is unlikely that these features
could be due to interior pores exposed upon fracture. AFM images of further morphological
evolution upon additional reduction at 700 °C, Figures 1g and 1h, show the emergence of a metal
particle in the center of each pit, resulting in a partially submerged particle surrounded by a
trench (see line scan in Figure 1i). These results suggest that Ni particle nucleation takes place
underneath the surface followed by emergence of the particle through the surface. Metal particle
nucleation within the oxide matrix has been reported,12 but often not in the context of catalytic
applications.13 If Ni atoms emerging randomly onto the surface, followed by surface diffusion
were the only possible mechanism to nucleate particles, this observed morphologic evolution
would not be expected. Indeed, as we have shown previously,2 Ni particles produced by vapor
deposition of Ni onto a Ni-doped LST do not form this structure and have different thermal
stabilities and reactivities.
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Figure 2. Intermediate stage of the Ni exsolution process. (a) AFM image of a fractured surface
after reduction at 900 °C (15 min, dry H2). (b) AFM height profiles along the lines in (a). Profile
2 is vertically shifted to higher z value for clarity. (c) 3D view of (a). (d) Magnified 3D view of a
particle marked in (c). The height of this particle is estimated to be 11 nm from profile 2 in (b).

With additional reduction at 900 °C, the shape of the particle and surrounding trench becomes
better defined compared to the earlier state as shown in Figure 2. Note that the trench depth is ~2
nm and the height of the exposed part of metal particle increases as exsolution proceeds. This
agrees well with the proposed scenario where preformed nickel particles emerge from the sub-
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surface region. Atomic Ni still possibly diffuses and attaches itself for particle growth during the
outward movement of the particle though the extent of this contribution is difficult to quantify.

Figure 3. Morphology evolution during further exsolution. (a) AFM image of a fractured surface
after reduction at 900 °C (5 h, dry H2). (b) AFM height profiles along the lines in (a). All profiles
are plotted in same scale. (c) AFM image of a fractured surface after reduction at 900 °C (30 h,
dry H2). (d) AFM height profiles along the lines in (c). Profiles are moved away from each other
for clarity. Trenches around Ni exsolution particles becomes less obvious compared to (b).

Figure 3 shows AFM images and line scans obtained after prolonged reduction in H2 at 900
°C. Additional growth/emergence of the Ni particles is observed, with particles as tall as 35 nm
being produced. At this stage, the trenches around the particles become less pronounced as
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marked with an oval on profile 8 in Figure 3b. The trench disappearance seemingly occurs when
a substantial portion of the metal particle has escaped out of the lattice, although a trench is still
present for a majority of the particles. With further aging for 30 h, it becomes harder to clearly
identify trenches (Figure 3c-d) while the particle height does not show a significant increase.

Figure 4. Strain field simulation results. (a) Reference state (F = 0) where Ni particle is in the
middle of the matrix without energy relaxation. Color code denotes distribution of volumetric
free energy density. (b) An axisymmetric model geometry. (c), (d), (e) Time-lapse spatial free
energy density distributions as the system evolves to minimize F. (f) Calculated normalized free
energy F versus pit depth. Corresponding particle position d/R values are marked on each line.
Points c, d, and e matches the energy maps (c), (d), and (e). Each line has optimal pit depth as
marked with black squares on x axis. Note the energy barrier for a particle located deep into bulk
(d/R = 4). (g) Linear relation between the particle position and optimal pit depth ℎ0𝑚𝑖𝑛 . 4 values
from (f) are shown here.
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Strain field modeling was used to gain mechanistic insight into the exsolution process and the
origin of the unique particle-surface interface. As a starting point, we consider the interaction
between a spherical metal nucleus already formed in the bulk, as shown in Figure 4a, and the
surrounding oxide matrix. This particle will deform the surrounding oxide and induce an elastic
strain in the system.
From an energetic point of view, if the particle can escape from the matrix and remain attached
to the surface, the elastic energy can decrease since the surface of the particle is no longer
constrained. This, on the other hand will lead to an increase in the surface energy, but if the
particle is of sufficient size the elastic energy, which scales with the volume of the particle, may
dominate over the surface energy, which scales with the area. As we will show below, the
formation of pits provides a mechanism for the embedded particle to escape to the surface.
Deformation (pit formation) of the surface was approximated by a simple, idealized cubic
function (see Figure 4b):
𝑟

𝑟

𝑂

𝑂

ℎ(𝑟) = 2ℎ𝑂 (𝑟 )3 − 3ℎ𝑂 (𝑟 )2 + ℎ𝑂 .

(1)

With this surface profile, the inflexion point is always at r = ro/2, there is an extremum at r =
0, and the depth vanishes at r = r0, and hence contains all the salient features observed in our
experiments. Recent experiments show that the interface between the exsolved particle and the
host lattice remains coherent,3 suggesting that the difference in lattice constants will lead to
straining of the particle. To capture this effect, a 10% mismatch strain is introduced to the
nucleus (εo = 0.1) to account for lattice parameter difference between the metal inclusion and
oxide matrix.
We find that as the nucleus approaches the surface, the surface profile evolves to form a
recessed region lowering the total elastic strain energy; note that if the particle is closer to the
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“free” surface, elastic energy can be relaxed more efficiently. This strain energy relaxation
process inevitably involves increases in the surface energy of the pit, since the surface area
increases by ΔA (hO > 0). This competition can be explored by considering the total free energy
of the system that can be written as follows:

𝐹=

1
∫ 𝜎 𝜖 𝑑𝑉+𝛾𝐴𝑛𝑢𝑐 +𝛾∆𝐴−𝐸𝑟𝑒𝑓
2 𝑉𝑠 𝑖𝑗 𝑖𝑗
,
𝑀𝑉𝑛𝑢𝑐 𝜀0 2

(2)

where 𝑉𝑠 is the volume of the simulation cell, and F is normalized by strain energy of the
spherical nucleus with volume 𝑉𝑛𝑢𝑐 =

4𝜋𝑅 3
3

embedded deep in the matrix, which we call the

“pre-relaxation” strain energy. The surface energy, 𝛾, of the oxide matrix is assumed to be 1.41
J m-2 which was obtained by averaging the surface energies of SrO and TiO2 terminations of the
(100) plane.14 In this first approximation model, the surface energy of the metal-gas interface is
taken to be the same as the oxide-gas interface for simplicity so that 𝛾ΔA accounts for the total
surface free energy change regardless of involved phases. Since nickel-metal oxide interface
energies reported in the literature tend to be between 1.5 and 2.1 J m-2, 15,16 for simplicity we also
used the 1.41 J m-2 value for the solid-solid interface energy around the nucleus (surface area =
𝐴𝑛𝑢𝑐. ). 𝐸𝑟𝑒𝑓 was introduced to make F zero when the nucleus is at the center of the simulation
cell (see Figure 4a). The bulk modulus and Poisson’s ratios of the oxide and nucleus are assumed
to be 𝐸𝑂 = 284.3 GPa, 𝜈𝑂 = 0.22,17 and 𝐸𝑁 = 207 GPa, 𝜈𝑁 = 0.31,18 respectively. The biaxial
modulus is given by M =𝐸𝑁 ⁄(1 − νN ).19
The elastic fields and the free energy were calculated via the Finite Element Method using the
COMSOL Multiphysics package (version 4.3b). The computational domain (Figure 4b) was
refined to 5231 triangular elements with the 2D axisymmetric formulation. The particle size, R,
in Figure 4b is assumed to be 9 nm with ro = 10R. The aim of our simulations was to obtain the
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optimum pit depth (ℎ0𝑚𝑖𝑛 ) at which the non-dimensional free energy, F, attains a global minimum
in its magnitude. A set of nuclei depths from the surface, d/R, were tested to see how the energy
landscape varies with morphology.
A summary of the simulation results are presented in Figure 4f which plots the overall free
energy as a function of the normalized pit depth for a series of d/R values. Each line corresponds
to a constant value of d/R and shows the evolution of the free energy as the oxide surface is
allowed to deform inwards. These simulations show that for d/R < 3 as the pit depth increases
causing the metal particle to get closer to the surface, the free energy decreases until a minimum
is obtained. This minimum occurs at the optimal pit depth, ℎ0𝑚𝑖𝑛 . The initial decrease in free
energy with increasing pit depth provides the driving force for deformation of the surface and pit
formation. A calculation of the number of exsolvable Ni ions in the near surface region where
d/R < 3 is sufficient to account for the particle/pit density and particle/pit sizes observed
experimentally by AFM (see calculations in Supporting Information). In contrast, for metal
particles embedded more deeply below the surface where d/R ≥ 3, inward deformation of the
surface initially causes the free energy to increase, resulting in an energy barrier to pit formation
which increases with particle depth. This energy barrier prevents pit formation for these deeply
embedded nuclei.
The spatial distribution of the elastic strain energy for d/R = 2 and several

ℎ0
𝑅

values are

depicted in Figures 4c and 4d. The strain energy values in these figures have been normalized by
the pre-relaxation energy density, 𝑀𝜀0 2 , and the scale for the dimensionless energy values is
shown in Figure 4a. Figure 4c illustrates the moment when the nucleus touches the deformed
oxide surface (this point is also denoted in Figure 4f). Note that there is little strain energy at the
nucleus-surface contact point, whereas higher strain energy is present in the bulk of the nucleus.
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Upon further surface deformation resulting in energy relaxation to the minimum value, the nuclei
partially emerges through the oxide surface giving rise to the embedded particle-in-a-pit structure
shown in Figure 4d. For this scenario the strain energy is localized at the particle-surface contact
point as shown in the figure.
The energy landscape in Figure 4f also shows that the minimum free energy of the system and
the optimal pit depth both decrease as d/R goes to zero. The strain energy distribution for d/R = 0
at the optimal pit depth is shown in Figure 4e. The net effect of this variation in free energy with
decreasing d/R is to provide a driving force for pulling the particle through the surface. The pit
depth for minimum free energy as a function of the particle position is plotted in Figure 4g.
Together these two plots predict that the pit depth will decrease in the latter stages of particle
exsolution which is in accordance with the experimental data in Figure 3.
In summary, in this work we have shown that (1) exsolution of metals from perovskites
proceeds at least in part via formation of sub-surface nucleates, (2) movement of the metal
nucleate towards the surface is accompanied by the formation of a pit on the surface from which
the particle emerges, (3) the pit depth (or trench depth surrounding the particle) progressively
decreases as the volume of the exposed particle increases, and (4) quantitative strain field
modeling shows that the interplay between surface free energy and strain energy provides the
driving force for exsolution and explains the observed morphology evolution and final particlein-a-pit morphology that is responsible for the unique thermal stability and catalytic properties of
supported metal nanoparticles formed in this manner.
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Experimental Section
Sample Preparation: La0.4Sr0.4Ti0.97Ni0.03O3-δ powders were made by sol-gel process.
Stoichiometric amounts of La(NO3)3·6H2O (Alfa Aesar), Sr(NO3)2 (Alfa Aesar), and
Ni(NO3)2·6H2O (Alfa Aesar) were used for A-site cation source and B-site dopant source.
Titanium isopropoxide (Aldrich), citric acid (Fisher Scientific) and ethylene glycol (Fisher
Scientific) were added in 0.97:4:16 molar ratio. Gelation occurred by heating, and resulting
powder was calcined in air at 700 °C for 4 h to form perovskite phase, as confirmed by X-ray
diffraction. Dry pressed pellets were sintered in air at 1500 °C for 4 h. All samples analyzed in
present work are from single batch of powder.
Sample Reduction: Sintered pellets were fractured into multiple pieces to produce surfaces
ready for reduction. Dry H2, directly from gas tank, served as the reducing agent. Reducing gas
flow started at room temperature and stopped only after the sample cools down to room
temperature again. Reduction temperature ranges from 600 °C to 900 °C, and reduction time
(dwell time at the preset reduction temperature) ranges from 15 minutes to 30 hours.
Atomic Force Microscopy (AFM): All images were collected in tapping mode using a Pacific
Nanotechnology Nano-E microscope with commercially available silicon tips (NanoScience
Instruments, Aspire CT300R) on fractured surface rather than native surface. Native surfaces are
avoided to minimize effects from possible surface enrichment during high temperature sintering.
All AFM image analyses were done in Gwyddion software package. Leveling was done with 2nd
order polynomials in both directions in all cases. No efforts have been made to image a single
specific region multiple times over the course of reduction.
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