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Some perovskite oxides such as barium 
cerate (BaCeO3) exhibit good proton 
conductivity under humidified atmos-
phere through the Grotthuss mechanism 
whereby excess proton or protonic defect 
diffuses between oxygen sites.[1–4] The 
process is initiated by incorporation of 
hydroxyl groups (OH• protonic defects) at 
oxygen vacancy sites (VO

••) (Equation  (1)), 
illustrated in Kröger–Vink notation as:
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x
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In materials such as BaCeO3, where the 
B-site cations are in the +4-oxidation state, 
substitution of trivalent transition metal 
ions creates additional VO

•• and allows for 
a larger degree of hydration and higher 
concentration of H+ charge carriers. For 
example, Ba(Ce,Zr)1−xYxO3−δ (BCZY) has 
shown high proton conductivity (≈10−2 
S cm−1 at 500  °C, [OH•]≈0.1 for x  = 0.1) 
together with good chemical stability in 

atmospheres containing CO2.[5–8]

Calcium titanate (CaTiO3) has orthorhombic Pbnm struc-
ture (a  = 5.3796 (1) Å, b  = 5.4423(3) Å, c  = 7.6401(5) Å, V  = 
223.68(1) Å3, ρ = 4.04 g cm−3) and is incipient ferroelectric and 
diamagnetic.[9] Munch et  al. suggested the potential of CaTiO3 
as a proton conductor based on a quantum molecular dynamics 
study, which identified that the much shorter OO separation of 

The magnitude of ionic conductivity is known to depend upon both mobility 
and number of available carriers. For proton conductors, hydration is a key 
factor in determining the charge–carrier concentration in ABO3 perovskite 
oxides. Despite the high reported proton mobility of calcium titanate (CaTiO3), 
this titanate perovskite has thus far been regarded as a poor proton conductor 
due to the low hydration capability. Here, the enhanced proton conductivity 
of the defective calcium titanate Ca0.92TiO2.84(OH)0.16 prepared by replacing 
lattice oxygens with hydroxyl groups via a solvothermal route is shown. Con-
ductivity measurements in a humidified Ar atmosphere reveal that, remark-
ably, this material exhibits one order of magnitude higher bulk conductivity 
(10−4 Scm−1 at 200 °C) than hydrated stoichiometric CaTiO3 prepared by 
traditional solid-state synthesis due to the higher concentration of protonic 
defects and variation in the crystal structure. The replacement of Ca2+ by Ni2+ 
in the Ca1−xTi1O3−2x(OH)2x, which mostly exsolve metallic Ni nanoparticles 
along orthorhombic (100) planes upon reduction, is also demonstrated. These 
results suggest a new strategy by tailoring the defect chemistry via hydration 
or cation doping followed by exsolution for targeted energy applications.
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1. Introduction

Perovskite oxides (ABO3) have been studied for a number of 
energy applications including proton conductors, batteries, 
photocatalysis, and fuel/electrolysis cells due to the favorable 
properties that can be achieved by controlling the defect 
chemistry.[1–16]
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CaTiO3 (≈245 pm) and SrTiO3 compared to BaCeO3 (≈280 pm) 
led to shortening the proton transfer time scale.[10,11] The proton 
conductivity of Sc-doped SrTiO3 was 10−4 S cm−1 above 300 °C in 
p(H2O)≈0.03 atm ([OH•]≈0.02 for SrTi0.98Sc0.02O3).[4,17] Waser also 
reported high protonic defect solubility in BaTiO3.[18] Despite 
this, CaTiO3 has historically been considered to be a poor proton 
conductor, hence the absence of any experimental works or data 
for proton conductivity. Kreuer suggested that a low hydration 
capability may be responsible for the low proton conductivity 
of CaTiO3.[1,2] To examine this, we prepared CaTiO3 powders 
using a conventional solid-state synthesis (denoted “CTO(SS)”) 
together with powders hydrated via a hydrothermal process at 
200 °C for 1 day (denoted “hydrated CTO(SS)”). The weight loss 
of the hydrated CTO(SS) was determined from TGA measure-
ments to be 0.2  wt% ([OH•]≈0.015 in CaTiO3), indicating very 
low water contents, This translates to a poor proton conductivity 
of σbulk = 10−6 S cm−1 at 300 °C in wet Ar due to low proton car-
rier concentrations. (Figure S1, Supporting Information).

2. Results and Discussion

Instead of using the typical strategy of B-site doping to create 
more VO

•• sites for subsequent hydration, as per Equation  2, 

the lattice oxygens (OO
x ) were directly replaced with hydroxide 

(OH−) via a solvothermal process to enhance hydration capa-
bility of CaTiO3. The crystal growth followed by hydrolysis 
and condensation make it possible to synthesize the hydrated 
CaTiO3 (denoted as CTO(ST)) with OH•, and compensating 
A-site vacancies as in Equation 3:[19]
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The weight loss of these CTO(ST) was substantially increased 
to ≈1.9 wt% ([OH•]≈0.151 in CaTiO3) in a temperature range from 
200 to 600 °C compared to 0.2 wt% ([OH•]≈0.015 in CaTiO3) of 
the hydrated CTO(SS) (Figure  1a). An important consequence 
of this tenfold increase in hydration—with ≈70% recovery of the 
initial structural OH− upon rehydration (Figure S2, Supporting 
Information)—is the possibility of enhanced proton conductivity 
of CTO(ST) according to the ionic conductivity equation. The 
final stoichiometry estimated using both energy dispersive X-ray 
spectroscopy (EDX) and thermogravimetric analyzer (TGA) was 

Figure 1. Hydration capabilities and bulk conductivities. a) TGA curves for CTO(SS), hydrated CTO(SS), and CTO(ST) samples in dry air. b) Comparison 
of the conductivities of CTO(SS) and CTO(ST) samples in wet (humidified) Ar atmosphere (pH2O ≈ 0.03 atm), with literature data for BaZrO3,[7] 
BaCeO3,[4] Ba7Nb4MoO20,[21] CaZrO3,[22] SrZrO3,[7] and SrCeO3.[23] All of the perovskites that are used for comparison, for example, BaZrO3, are acceptor 
doped. c) Bulk conductivities of CTO(ST) in dry (pH2O<10−6 atm) and wet (pH2O ≈ 0.03 atm) Ar atmospheres. The shaded box indicates the range 
of temperatures over which weight loss is observed in TGA analyses. d) Bulk conductivities of CTO(ST)_OH and CTO(ST)_OD in a flow of N2 gas 
through H2O and D2O, respectively. The difference of the conductivities between CTO(ST)_OH and CTO(ST)_OD is ≈1.6, which corroborates proton 
conduction is main transport.
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found to be CaTiO3 for CTO (SS) and Ca0.92TiO2.84(OH)0.16 for 
CTO(ST): significant lower density supports the presence of 
A-site vacancies compensated by OH− in CTO(ST) (see Figures S3  
and S4 and Tables S1–S3, Supporting Information, for further 
information and discussions on powder X-ray diffraction and 
EDX). The crystal structure of this material was stable up to 
900 °C in oxidized and reduced conditions, but lattice parame-
ters were changed due to the hydroxyl ion losses. We expect that 
it would be stable over 900 °C in both environments (Figure S5,  
Supporting Information).

To assess the influence of hydration on the proton conduc-
tivity, the electrical properties of CTO(SS) and CTO(ST) pel-
lets were measured under dry and humidified Ar atmospheres 
using AC impedance spectroscopy. These spectra were sepa-
rated into grain-interior (bulk) and grain-boundary conductivity 
using an equivalent circuit model (Figures S6–S12, Supporting 
Information).[20] The Arrhenius plot (Figure  1b) reveals a 
remarkable increase in the bulk conductivity of CTO(ST) below 
300 °C, with an order of magnitude higher conductivity of 3.4 × 
10−5 S cm−1 at 200 °C compared to 1.4 × 10−6 S cm−1 of CTO(SS), 
being comparable to the benchmark conductivity values 
obtained for barium zirconate/cerate and disordered hexagonal 
perovskite, Ba7Nb4MoO20 at low temperature regime.

[4,7,21–23] 
The plateau from 200 to 300  °C results from a decrease in 
the concentration of proton charge carriers (n) interlinked 
with an increase in mobility (μ) of the remaining protons (see  
Equation S2), which suggests the maximum proton conduc-
tivity of CTO(ST) in the humidified atmosphere is a result of 
successful replacement of the lattice oxygens with hydroxide 
ions. The conductivity of CTO(ST) in dry Ar reflects the close 
dependence of proton conductivity on pH2O (Figure  1c). The 
significant increase in the conductivity above 350  °C likely 
results from the development of electronic conduction due 
to the mildly reducing atmosphere. A reduction in bulk con-
ductivity of the deuterated CTO(ST) (denoted “CTO(ST)_OD”) 
compared to the hydrated CTO(ST) (denoted “CTO(ST)_OH”) 
further support proton conduction of the CTO(ST) due to iso-
tope effects (Figure  1d). Equivalent circuit analysis with elec-
tric modulus M˝ was used to extract the bulk resistivity in the 
isotope experiments (Figure S13, Supporting Information).[20] 
The bulk resistivity in N2 + D2O is 1.4–1.7 times higher than 
in N2 + H2O in 150 to 300 °C, which demonstrates that proton 
conduction is dominant in the temperature regime (Figure S14, 
Supporting Information).

Proton conduction is highly sensitive to the crystalline envi-
ronment of a material. Therefore, to elucidate the origin of the 
enhanced proton conductivity of CTO(ST), deuterated CTO(SS) 
and CTO(ST) samples were prepared, and analyzed by high-
resolution neutron powder diffraction (HRPD) at ISIS Neutron 
and Muon Source.[24] As CTO(ST) samples are A-site deficient 
hydrated perovskites, A-site defects and unit-cell expansion 
induced by hydration would cause strained structures. Moreover, 
CTO(ST) is a few hundreds of nanometers in size, and there-
fore it was difficult to obtain sharp and clear neutron diffraction 
patterns in our experiments, which is the reason for the worse 
difference curve in Rietveld refinement. The data obtained 
from TGA combined with mass spectroscopy clearly shows 
successful deuteration of the samples with [OD•] = 0.157 ± 0.01  
(Figure S15, Supporting Information). Rietveld refine-
ment (Figure  2a,b and Method) for CTO(SS) and CTO(ST) 

revealed the fractional occupancy of deuterons positioned 
at the corner of TiO6 octahedra (O-D: 1.08 Å) was 0.16(1) for 
CTO(ST) (Figure S16 and Tables S4 and S5, Supporting Infor-
mation), in agreement with the TGA mass loss. The occupa-
tion of the Ca sites refines to ≈92 ± 0.8%,  confirming the  
A-site deficiency compensated by OH− incorporation. The stoi-
chiometry of the CTO(SS) and CTO(ST) samples determined 
by Rietveld refinement was CaTiO3 and Ca0.92TiO2.84(OD)0.16, 
respectively. The hydration-induced A-site defects modified 
the TiO bond lengths in the TiO6 octahedra by shortening 
of the Ti(1)O(5,6) bonds aligned along the b-axis (CTO(SS) = 
1.9588 Å, CTO(ST) = 1.9490 Å) whereas the Ti(1)O(1,2) bonds 
along the c-axis are elongated (CTO(SS) = 1.9519 Å, CTO(ST) = 
1.9570 Å) (Figure 2c). The tensile stress due to the c-axis elonga-
tion leads to the unit-cell volume expansion and reduced octa-
hedral tilting, which is reflected in the larger Ti(1)O(2)Ti(3) 
and Ti(1)O(6)Ti(2) bond angles (CTO(ST)-156.78/157.80°; 
CTO(SS)-156.27/155.47°) (Figure  2d and Tables S6  
and S7, Supporting Information). Munch et  al. identified two 
proton transfer mechanisms in CaTiO3, viz. intra- and inter-
proton transfer, which account for 30% and 70% of the con-
ductivity, respectively.[10,11] As inter-proton transfer strongly 
depends on the octahedral distortion, the reduced octahedral 
tilting in CTO(ST) is likely to disrupt this mechanism: however, 
the inter-proton transfer is probably different near the A-site 
vacancy region as shown in Figure 2e. We anticipate that proton 
migration might be facilitated near the domain in terms of the 
nanoscale percolation pathway recently reported by Draber 
et al.[25] On the other hand, the intra-proton transfer is expected 
to be fast since the shorter OO separation (CTO(ST): ≈2.72 Å, 
CTO(SS): ≈2.76 Å) would facilitate proton transfer to nearest-
neighbor oxygen sites along the edges of octahedra (Figure 2e 
and Table S7, Supporting Information). These results therefore 
indicate a defect-driven proton transfer mechanism, explaining 
the high level of proton conduction observed for this sample, in 
strong agreement with previous studies.[17]

As an extension of this work, we also attempted Ni substitu-
tion at Ca-sites in the Ca0.92TiO2.84(OH)0.16 sample.[26] This may 
seem unusual, given that Ni2+ widely accepted to be substitute 
at the Ti sites (B-sites) in titanate perovskites, due to the better 
match in ionic radius to typical B-site cations compared to large 
A-site ions (Ba, Sr, Ca). However, the difference between the 
effective ionic radii of Ni2+ (83 pm, CN 6) and Ca2+ (134 pm, 
CN 12) is similar to the difference in the effective radii of Nd3+ 
(98.3 pm) and Ba2+ (161 pm), which have been shown to occupy 
both A- and B-sites of perovskites.[27] Hence this opens up the 
possibility of Ni substitution for the A-site of perovskites. Com-
putational modelling by Beale et al. suggests Ni2+ should pref-
erentially occupy the Sr2+ site in SrTiO3, while this contradicts 
EXAFS measurements,[28] the two findings can be reconciled 
by considering the kinetics of the particular hydrothermal syn-
thesis methods used to prepare the material. A similar prep-
aration method was also employed in our study. Zhang et  al. 
also observed Pt re-localization at the Ca sites (Pt(IV): 76.5 pm, 
CN: 6) in Pt-doped CaTiO3 following reoxidation.[29] First-prin-
ciples modelling using solid-state density-functional theory 
(see Methods) predicts formation enthalpies (ΔHF) of 1.68 and 
2.46  eV for Ni substitution at the A- and B-sites in CaTiO3, 
respectively (Table S8, Supporting Information), suggesting 
that the former is most favourable.
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We initially expected A-site Ni doping would have nega-
tive effects on proton conductivity because it decreases oxygen 
vacancy concentrations and thus proton concentrations. however, 
the electrical properties of the Ni doped sample were not that dif-
ferent from the un-doped sample in this experiment (Figure S17,  
Supporting Information). We think that this is due to similar 
concentrations of hydroxide ions between un-doped and Ni-
doped samples. Controlling stoichiometry is very difficult via sol-
vothermal synthesis at the current stage and therefore, the issue 
for stoichiometry control should be first addressed to precisely 
compare not only the effect of Ni doping on electrical properties 
but also the location of Ni ions in the perovskite structures.

The Rietveld refinement for HRPD data collected from Ni-
doped CaTiO3 prepared by solvothermal synthesis (denoted 
“CNTO(ST)”) was used to confirm this (see Methods). The 

refinement for the Ti sites showed unbalanced site occupation 
(Ti>1) with higher Rwp  = 5.64% and goodness of fit (GOF) = 
3.96 compared to Rwp = 5.40% and GOF = 3.81 for the Ca sites 
(Figure  3a and Tables S9 and S10, Supporting Information), 
which suggests that Ni2+ is more likely to replace Ca2+ than Ti4+. 
Combining the fractional occupancies from Rietveld refinement 
with both TGA and EDX measurements (Tables  S11 and S12, 
Supporting Information) allowed us to determine the stoichiom-
etry of the CNTO(ST) samples to be (Ca0.87Ni0.03)TiO2.80(OD)0.20. 
CNTO(ST) also shows a higher degree of orthorhombic distor-
tion, which may explain the incorporation of smaller Ni2+ into 
Ca2+ sites (Figure 3b). The crystal structure shows square-planar 
coordination of the Ni2+ ions in the (010) plane and aligned 
off-center in the (110) plane (Figure  3c). EXAFS reveals two 
different NiO interatomic distances of 1.895 and 2.187 Å. The 

Figure 2. Neutron diffraction analysis of deuterated CTO(SS) and CTO(ST). a) HRPD refinements from powder data collected for CTO(SS) with Rwp = 
4.53% and GOF = 2.94. b) HRPD refinements from powder data collected for CTO(ST) with Rwp = 4.85% and GOF = 3.42. The background seen in 
the HRPD of CTO(ST) typically results from incoherent scattering from protons. c) Comparison of the TiO bond lengths in CTO(SS) and CTO(ST). 
d) Schematic illustration of the unit-cell volume expansion observed in CTO(ST) compared to CTO(SS). e) Schematic image of suggested proton 
transfer for CTO(ST). Reduced repulsion between B-site cations and protons (deuterons) bound to O(1,2) along the c-axis is expected due to the elon-
gation of the Ti(1)O(1,2) bond, which may enable fast proton reorientation toward the edge of the octahedra. The protons migrate to neighboring 
oxygen sites and the shorter OO distances then facilitate intra-proton transfer to the neighboring sites along the a- or b-axes. Inter-proton transfer 
is also possible, but may be slightly weakened due to the reduced octahedral tilting: however, near the A-site vacancy region, protons may be easily 
rotated to the vacant site (No.1), and transferred to adjacent TiO6 octahedra (No.2). The proton could escape the vacancy region (No.4) when the OO 
distance between the vertices of the octahedra becomes farthest by the oxide lattice vibration (No.3).
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NiO bond lengths obtained from Rietveld refinement of the 
neutron data with a model, incorporating Ni2+ on the A-site cor-
respond is shown in Figure 3c,d (see Figure S18 and Table S7, 
Supporting Information).

Metal exsolution from perovskite oxides has attracted sig-
nificant attention in catalysis due to the homogeneous distri-
bution and strong anchorage of metal nanoparticles obtained 
at the perovskite surfaces.[30,31] To investigate the character-
istics of Ni exsolution from the A-sites of CaTiO3, we heated 
(Ca0.87Ni0.03)TiO2.80(OH)0.20 at 700  °C in 5% H2/Ar for 20 h. 
The exsolution can be expressed through the following reaction 
scheme if Ni ions are fully exsolved on the perovskite surfaces 
in a form of metal nanoparticles:

(Ca Ni )TiO OH H g

Ca TiO Ni x H O g
1 3 2 2 2

1 3 Ex 2n
x n n x x

x n x n

α
α

( )
( )

( )
( )

+ →
+ + +

− − −

− − − −
 (4)

The as-prepared CNTO(ST) is cuboidal in shape with dimen-
sions of ≈500 nm (Figure 4a). Initially the cubes present {100}pc 
pseudocubic terminations with sharp edges as in Figure  4a. 
After reduction, these edges become truncated to smaller {110}pc 
facets decorated with Ni nanoparticles of ≈10–20  nm in size 
(Figure 4b and Figure S19, Supporting Information). The forma-
tion of titanium dioxide-terminated {100}pc facets is favored for 
the as-prepared CNTO(ST) cuboids synthesized via solvothermal 
routes with alkaline mineralizer, due to strong chemisorption 
of hydroxyl ions on the surface containing more electronegative 

Ti ions. This is illustrated by the cross-sectional high-resolution 
high angle annular dark field (HAADF) image and inset inten-
sity profile in Figure  4c since HAADF contrast increases with 
increasing atomic number Z.[32] Favorable exsolution of Ni 
nanoparticles on ABO-terminated {110}pc facets involving A-site 
vacancies (Figure  4d) can therefore be expected due to lower 
migration repulsion,[31] explaining the preferential localization 
of the particles to the truncated edges of the cubes in Figure 4b.

Figure  4e,f shows atomic resolution scanning transmission 
electron microscopy (STEM) images of the perovskite and Ni 
nanoparticles along with strain maps in Figure 4g–i calculated 
relative to bulk Ni.[33] Figure  4e shows a representative exam-
ples of a nanoparticle emerging from {110}pc pseudocubic ter-
races and viewed along the <001>pc zone axis of the perovskite. 
As can be seen from Figure 4e, the particle does not show clear 
lattice fringes at this sample orientation, indicating that there 
is some rotation between the crystal lattices of the Ni and the 
perovskite. By tilting the sample toward the Ni zone axis, it is 
possible to visualize the atomic structure of the nanoparticles, 
as shown in Figure 4f. This embedded particle shows a much 
larger orientational mismatch with the perovskite compared to 
ones formed on {100}pc facets (Figure S20, Supporting Infor-
mation), requiring a relative tilt of ≈−19° along the horizontal 
<010>pc perovskite direction to arrive at the Ni <111> zone axis 
in Figure 4f. Here a stacking fault can be seen running diago-
nally across the particle and along a {111} plane, shown more 
clearly in the inset. Due to the larger pseudocubic unit cell 

Figure 3. Crystal structure of CNTO(ST) obtained from HRPD and EXAFS measurements. a) HRPD refinements of powder data collected for CNTO(ST) 
with Rwp = 5.40% and GOF = 3.81. b) Orthorhombicity of CNTO(ST) obtained from HRPD refinements. A value of 1 corresponds to an ideal orthorhombic 
structure, that is, no distortion. c) Crystal structure obtained from neutron diffraction. d) Deconvoluted Ni K-edge EXAFS spectra showing the peak 
assigned to the two independent NiO bond lengths.
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of CNTO relative to Ni, the nanoparticles can be expected to 
be strained. Regions of enhanced tensile strain can be seen 
along the <111>  directions in the top left and right corners of 
Figure  4h,i, respectively. In these regions, a maximum value 
of ≈5% is observed corresponding to d111  = 2.14 Å. Near the 
base of the particle where it is embedded in the perovskite, 
compressive strains of ≈−1.5 to −2% can be seen, which cor-
respond to differences of ≈3–4 pm for the respective d-spacings.

Preferential {111}-termination of nanoparticles, as in 
Figure  4, is to be expected with fcc metals such as Ni since 
these are the most thermodynamically stable facets. It has pre-
viously been reported that tensile strains in transition metals 
can shift the d-band center and increase the strength of metal–
oxygen bonds.[34] As such, the tensile strain observed around 
the exposed faces here may lead to improved electrochemical 

performance through enhanced chemisorption. Moreover, the 
increased interaction of metal nanoparticles with the perovskite 
support, especially in the case of the semi-embedded particle in 
Figure 4e,f, will likely improve the stability of the system.

3. Conclusion

We have prepared A-site deficient hydrated CaTiO3 by direct 
replacement of lattice oxygens with hydroxide via solvothermal 
routes, obtaining higher proton concentrations and better proton 
conductivity than the conventional approach of B-site doping 
with aliovalent transition metal cations to create oxygen vacan-
cies. The excellent hydration capability of the parent compound 
with the shorter OO distances in TiO6 octahedra leads to much 

Figure 4. Ni exsolution from the A-site in CNTO(ST). a) SEM image of as-prepared CNTO(ST). b) SEM image of Ni nanoparticles (bright dots) exsolved 
from CNTO(ST). c) Cross-sectional HAADF image of the corner of an as-prepared CNTO(ST) cube with the inset line profile showing the B-site termi-
nation of the {100}pc facets. d) Crystal structure of the as-prepared CNTO(ST) obtained from HRPD refinement. e–i) Atomic resolution STEM images 
of the perovskite and Ni nanoparticles along with strain maps calculated relative to bulk Ni. The arrows correspond to the crystal axes of the strains 
which are g) <200> and h,i) <111>. The color bars are the same for all the strain maps. The particle is partially embedded and emerge from the {110}pc 
terraces. (e) is aligned to the <001>c perovskite zone axis, and (f) to the nanoparticle <110> zone axis.
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higher proton conductivity compared to stoichiometric CaTiO3 
prepared by solid-state method. Powder neutron diffraction and 
EXAFS studies reveals that unusual A-site deficient stoichiom-
etry followed by hydration allows Ni2+ ions to be substituted for 
Ca sites with square-planar coordination. Ni nanoparticles with 
preferential formation of {111}-termination and tensile strain 
about these facets are then preferentially exsolved along pseudo-
cubic {110}pc planes of these CaTiO3 upon reduction, with strong 
anchorage and orientation on the perovskite surfaces.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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