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Full Control of Polarization in Ferroelectric Thin Films
Using Growth Temperature to Modulate Defects
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Deterministic control of the intrinsic polarization state of ferroelectric thin
films is essential for device applications. Independently of the well-established role of electrostatic boundary conditions and epitaxial strain, the
importance of growth temperature as a tool to stabilize a target polarization
state during thin film growth is shown here. Full control of the intrinsic polarization orientation of PbTiO3 thin films is demonstrated—from monodomain
up, through polydomain, to monodomain down as imaged by piezoresponse
force microscopy—using changes in the film growth temperature. X-ray
diffraction and scanning transmission electron microscopy reveal a variation of c-axis related to out-of-plane strain gradients. These measurements,
supported by Ginzburg–Landau–Devonshire free energy calculations and
Rutherford backscattering spectroscopy, point to a defect mediated polarization gradient initiated by a temperature dependent effective built-in field
during growth, allowing polarization control not only under specific growth
conditions, but ex-situ, for subsequent processing and device applications.
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1. Introduction

In ferroelectric materials, characterized
by their remanent electric polarization
which can align in one of the available
symmetry-equivalent energy-degenerate
ground states, control of the intrinsic
polarization orientation prior to any
application of external electric fields is
a longstanding fundamental challenge.
For thin films, where the presence of
polarization discontinuities and imperfect screening at the surfaces leads to a
depolarizing field, tuning of the electrostatic boundary conditions provides a
crucial control parameter,[1–3] allowing
the intrinsic domain configuration to
be modified from monodomain to polydomain through the choice of different
electrode materials, the use of dielectric
spacers,[4–7] or changes to the chemical
environment.[8–10] In addition, asymmetries introduced by
epitaxial mismatch strain, substrate morphology or device
geometry can also lead to a built-in field in the ferroelectric
layer. For example, lattice mismatch relaxation between a
relatively thick ferroelectric film and its substrate, inducing
strain gradients and a flexoelectric polarization, was shown to
produce two different monodomain polarization orientations
as a function of growth temperature,[11,12] and in ultrathin
films and superlattices an interplay of these different factors
can produce complex and fascinating polarization textures
including polarization vortices and skyrmion-like bubble
domains.[13–15]
Beyond the fundamental interest, this control has important technological implications for ferroelectrics-based applications, such as non-volatile random access memories,[16] devices
using ferroelectric tunnel junctions,[17,18] and memristors,[19,20]
where an initial defined monodomain state is desirable, and
obtaining it intrinsically would eliminate preliminary poling
steps, which could be detrimental for certain applications such
as surface electrochemistry or catalysis[21,22] by modifying the
sample surface.[23,24] In contrast, for applications specifically
targeting the added functionalities attendant to domain walls
or complex polarization textures, which can strongly modify
the dielectric and piezoelectric response[25–27] or present novel
properties beyond those of the parent phase,[28] even leading to
negative capacitance responses,[29,30] an intrinsic polydomain
state may be the goal, and difficult to obtain over large areas,
and certainly not without much effort and expense in terms
of nanolithography.
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Ideally, what is needed is a mechanism allowing full deterministic control over the intrinsic polarization state, from one
monodomain state, through polydomain, to the other monodomain state, reliably, robustly and in general under the different
electrostatic and environmental boundary conditions which the
sample would encounter during device fabrication and use.
Here, we report such full control over the intrinsic polarization of epitaxial thin films of the canonical ferroelectric PbTiO3
(PTO), showing that a monodomain “up,” polydomain, or
monodomain “down” state can be established as a function
of increasing growth temperature, under full biaxial strain
with no relaxation, independently of the choice of electrostatic
boundary conditions, and ex-situ stable for at least two years.
We demonstrate this extremely robust control in four series of
samples with different back electrodes, grown at a range of temperatures and characterized by piezoresponse force microscopy
(PFM), x-ray diffraction (XRD), transmission electron microscopy (TEM) and Rutherford backscattering spectroscopy (RBS).
Our results are consistent with a microscopic mechanism of
a temperature driven effective internal field during growth,
resulting in a varying built-in field across the film, which then
stabilizes the target polarization state.

2. Experimental Results
As a model system for this study, we selected the tetragonal
ferroelectric PbTiO3, extensively characterized via ab-initio

and mean-field modeling,[31–33] and a versatile research platform in which the effects of electrostatic boundary conditions
were demonstrated[5,7,34,35] and complex polarization textures
investigated.[13–15]
Using off-axis radio-frequency magnetron sputtering[36] four
series of 50 nm thick PbTiO3 samples were epitaxially grown on
(001)-oriented SrTiO3 single-crystal substrates, either Nb-doped
or undoped and with a bottom electrode of LaNiO3 or SrRuO3,
the latter in one series capped with an additional thin SrTiO3
layer to modify the depolarizing field, as schematically illustrated in Figure 1. For each series, the deposition conditions
were kept the same, except for the growth temperature, which
was varied between 530 and 590 °C. Due to their low thickness
and the low in-plane lattice mismatch between the SrTiO3 substrate and the a-axis of tetragonal PbTiO3, all samples were fully
strained, as demonstrated by reciprocal space XRD maps (see,
for example, Figure S1, Supporting Information), with no indication of relaxation of the in-plane lattice parameter. The slight
bi-axial compressive strain ensured that the tetragonal c-axis,
and hence the film polarization, was out-of-plane, with only two
orientations possible: up (pointing away from the substrate) or
down (pointing toward the substrate). Although there are some
variations in sample quality, they cannot trivially explain our
observations, see Discussion S1, Supporting Information.
In each sample, the intrinsic polarization state was investigated and compared to a well defined artificial domain structure of alternating down/up/down/up/down stripes written
with a biased scanning-probe microscope tip. As can be seen

Figure 1. Growth temperature control of polarization. PFM phase for samples grown at different growth temperatures for various back electrodes. The white
scale bar in the upper left image is 400 nm and all images are shown at the same scale. The direction of background polarization was determined for each
sample by writing striped domains of know orientation. Samples in the same column were deposited at temperatures within 5 °C from each other. The back electrodes used were, from top to bottom : 22 nm of SrRuO3 (SRO) capped by 2 nm of SrTiO3 (STO), SrRuO3 without the capping layer, the conductive Nb:SrTiO3
substrate, and 8 nm of LaNiO3 (LNO). All electrodes and capping layers were deposited in-situ. In each series, the as-grown polarization state follows the same
trend: monodomain up for low growth temperatures, polydomain for intermediate growth temperatures and monodomain down for high growth temperatures.
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Figure 2. Effect of in-situ heat treatment on polarization. PFM images of samples grown at a low growth temperature (corresponding to a monodomain
up polarized state) and subsequently heated to a higher temperature (corresponding to a monodomain down polarized state) in-situ for various durations. The usual control pattern was written in the center of the images. Even for very short heating times (with respect to the total deposition time
of 9 h and 20 min), the samples exhibit some down domains. After a sufficiently long heating time, a down polarized state is achieved. This suggests
that we can control the intrinsic polarization state by heating the samples at low pressure.

in Figure 1 the four series all present the same trend, independently of the choice of bottom electrode: samples grown at
lower temperatures are fully up-polarized, and samples grown
at higher temperatures are fully down-polarized, with a polydomain state for intermediate growth temperatures.
To better understand the origin of this phenomenon, we then
tested if the high-temperature vs. low-temperature polarization
state was only established during growth, or if it could be modified subsequently using temperature alone. We grew a series
of samples with LaNiO3 back electrodes at low growth temperature (corresponding to a monodomain up configuration)
which were then heated in-situ, after completion of the growth
process, and for varying times to the (higher) temperature corresponding to a monodomain down configuration. As Figure 2
shows, even after a very short heating time, down polarized
domains appeared in the up polarized matrix. For a sufficiently
long heating time, a down polarized state was achieved. This
suggests that the duration of the sample exposure to high temperatures is more critical to the intrinsic polarization state than
the fact that this exposure happens specifically during growth.
While previous studies have demonstrated that an intrinsically monodomain polarization state is direct evidence of an
internal bias in the sample,[7] favoring one polarization over the
other, only one of the two possible monodomain states was ever
stabilized for a given choice of electrode and film thickness.
In contrast, the robustness of the phenomenon observed here
indicates that independently of interface effects, the internal
bias changes sign solely due to growth temperature.
To further investigate this change in the internal bias, we
performed switching spectroscopy PFM (SSPFM)[37] measurements of the local polarization-voltage hysteresis at multiple points in each sample. The built-in voltage, defined as
the shift of the hysteresis loop with respect to zero bias, was
extracted for each of these points and used as statistical estimate of the internal bias. The variation of the built-in voltage,
presented in Figure 3 as a function of growth temperature
for the representative series of samples on LaNiO3 back electrodes, indeed shows a significant decrease, changing sign
from positive at lower growth temperatures to negative for
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higher growth temperatures, in agreement with the PFM
phase imaging results.
In order to study the crystallographic variations related to
the varying polarization states, we employed thin film XRD.
XRD diffractograms were taken for all our samples as part of
our standard initial characterization. The reciprocal space maps
(RSM) around (−103) (see, as an example, Figure S1, Supporting
Information) show no relaxation, implying that all our samples
are epitaxially strained to the substrates. θ-2θ diffractograms
along (001) and (002) (see, Figure 4a; Figures S2 and S3, Supporting Information), display Laue oscillations attesting again
the high crystalline quality of the films. Interestingly, on many
of our diffractograms along (002), we observe an additional
peak close to 2θ = 45.3° (see, for example, the blue diffractograms in Figure 4a): this peak is due to double diffraction[38,39]
and is a consequence of our atomically smooth interfaces. From
the 2θ position of the film peak and from the Laue oscillations,
one can determine the c-axis lattice parameter and thickness of
the films. We used the MATLAB program InteractiveXRDFit
developed in-house to fit all our θ-2θ diffractograms, and rapidly noticed that although our samples are of high crystalline
quality, the fits performed using a constant c-axis lattice parameter were not satisfactory.[40]
In all cases, the down polarized samples presented a shoulder
on the right side of the main film diffraction peak which we
did not observe in the up polarized samples (Figure 4a, and
Figure S3, Supporting Information). In fact, in many cases, the
up polarized samples present a spectral weight to the left of the
main film diffraction peak.
Following the argument in ref. [41] that any mechanism
to relax strain would depend on strain, to a first approximation, the out-of-plane lattice parameter in a strained film can
be anticipated to follow an exponential relationship c(n) = c0 +
aexp (n/b), where c(n) is the c-axis lattice parameter of the nth
unit cell above the interface with the electrode. The results are
shown in Figure 4.
This very simple model produces simulations that closely
match the main features of the experimental diffractograms (see Figure S5, Supporting Information, for details),
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Figure 3. Effect of growth temperature on built-in voltage. SSPFM measurements of built-in voltage in each sample of the series grown on LaNiO3. The
inset shows the distribution of shifts of local hysteresis loops (see Figure S4, Supporting Information) with respect to the origin for each sample, and
Gaussian fits to that data. The main graph shows the fitted averages and standard deviations. The built-in voltage goes from positive at low growth
temperature, which favors the up polarized state, to negative at high growth temperature, which favors the down polarized state, in line with our PFM
imaging results.

demonstrating a gradient in the c-axis parameter throughout
the film thickness, with very different c-axis distributions in
the up versus down polarized films. From the XRD simulations
only, it is however not possible to discriminate between
the diffractograms obtained with c(n ) = c 0 + a exp ( nb ) and

(

top layer number − n

)

c(n ) = c 0 + a exp
, that is, the simulations for two
b
films where one is the mirror image of the other with the top
layer becoming the bottom layer and vice-versa, are equivalent.
To resolve this issue, we performed scanning transmission
electron microscopy (STEM) measurements on the two samples

Figure 4. Strain and polarization from XRD. a) Example of θ − 2θ XRD spectra around the (002) peak of both the film and the substrate, for one up
polarized and one down polarized film on LaNiO3. As in all our series, the high temperature grown, down polarized film shows a distinctive shoulder
to the right of the sample peak. Spectra fitted to the data are shown in gray. b) c-axis distribution obtained from the fit to the XRD spectra in (a) and
corresponding polarization profiles obtained from the GDL calculation.
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shown in Figure 4, which were grown on LaNiO3, one at the low
end of the growth temperature window, and therefore polarized
up, and one at the high end of the growth temperature window,
and therefore polarized down. Representative atomic resolution
high angle annular dark field (HAADF) images are shown in
Figure S6, Supporting Information, and the in- and out-of-plane
lattice constants were extracted via Gaussian fitting to the atomic
columns (see experimental section). To minimize errors, we averaged the measurements over several images collected from different regions. Due to the large field of view, the uncertainty in
these measurements is relatively large at ±3 pm based on the 1σ
standard deviation. While evidently not as precise as XRD, these
measurements nevertheless confirm the presence of gradients
in the c-axis lattice parameter throughout the film thicknesses
and their direction, in addition to confirming constant a-axis lattice parameters. In the down polarized sample, c increases from
bottom to top whereas in the up polarized film c rapidly decreases
from a maximum of c within the first few nm of PTO film before
remaining largely constant for the rest of the film thickness.
Applying these observations of the overall trends to the XRD data,
a close fit to the experimental data can be observed in Figure 4a.
The fitted c-axis profiles are shown in Figure 4b and show strong
agreement (within the measurement error) with the STEM measurements shown in Figure S6, Supporting Information.
These structural measurements are interesting since there
is a strong strain-to-polarization coupling in oxide ferroelectrics. We can therefore estimate the polarization inside our
films from the strain profiles obtained above, using a Gibbs
free energy expansion. We will focus on the monodomain end
members of our study, and therefore neglect the effects of inplane inhomogeneities of the polarization present in polydomain samples. Following ref. [42], the Gibbs free energy in our
films is given by
t

G = ∫ [a3P 2 + a33P 4 + a333P 6
0

1
+ c 11 (2um2 + e32 ) + c 12 (um2 + 2um e3 ) − q11e3P 2 − 2q12um P 2
2
2
g 1111  ∂P 
f 11  ∂e3
∂P 
+
− e3
  −
 P

∂z
2 ∂z
2
∂z 
−PE − 2σ um ]dz

(1)

where P is the out-of-plane polarization, e3 is the out-of-plane
strain, cij is the stiffness tensor, qij is the electrostriction tensor,
gijkl is the correlation energy tensor, fij is the flexocoupling
tensor, E is the electrical field, σ is the in-plane stress and um is
the mismatch strain with the substrate (Table 1). Euler-Lagrange
variational minimization of this expression yields
c11e3 ( z) + 2c12um − q11P 2 + f 11

∂P
=0
∂z

(2)
c ( z )− c

which can be solved for P(z), since we know e3 ( z) = cref ref , with
cref the c-axis of the non-ferroelectric reference phase. Upon
closer inspection (see Discussion S6, Supporting Information,
for further details), we see that we can safely neglect the last
term of equation 2 in our case, leading to the closed form
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Table 1. Numerical values of the coefficents used in the Gibbs free
energy expansion.
Value

Units

Reference

a3

Symbol

3.8 × 105(T − 752)

JmC−2

[56]

a33

4.229 × 108

Jm5C−4

a333

2.6 × 108

Jm9C−6

c11

1.746 × 10

Jm−3

c12

0.794 × 1011

q11

1.14 × 1010

q12

4.63 × 10

f11

−17

P( z ) = ±

11

JmC−2

8

1
(c11e3 ( z) + 2c12um )
q11

JC−1

[57]

(3)

which is plotted in Figure 4b.
Note that this result is agnostic of any electrical fields the
sample might be subject to, and returns the total polarization,
irrespective of what caused it. A built-in field coming from the
interface is constant throughout the thickness of the film and
results in a constant polarization (and thus a constant c-axis).
In our model, the variations in polarization implied by the varying c-axis we measure must therefore come from something
else that varies through the film thickness and as a function of
growth temperature.

3. Discussion
In their papers, Highland et al.[10,35] have shown that the insitu equilibrium polarization of a 10 nm PbTiO3 thin film
with SrRuO3 bottom electrode depends on temperature and
oxygen partial pressure. For high partial pressures, the film
is up polarized, whereas it is down polarized for low partial
pressures. Their observations are explained by the preferential
screening of the up polarization by oxygen ions, whereas the
down polarization is preferentially screened by oxygen vacancies at the surface of the film. In this way, high oxygen partial
pressures stabilize an up polarized state, and low oxygen partial
pressures stabilize a down polarized state. Interestingly, in the
intermediate partial pressure regime, the polarization orientation depends on the temperature. Our growth conditions fall
exactly in this intermediate regime, where both polarization orientations can be stable depending on temperature. Our observations are thus compatible with the work of Highland et al. for
the establishment of the polarization configuration in-situ, but
in our case there must be an additional mechanism to then stabilize this configuration ex-situ.
One possible explanation would be the presence of a gradient of composition that develops during growth or during
the post-growth in-situ heat-treatment, which then freezes in
and hence stabilizes the polarization configuration. It is well
known that chemical species mobility depends exponentially
on temperature.[43] Compositional changes and gradients have
also previously been shown to produce large built-in fields.[44]
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Figure 5. RBS measurements of stoichiometry in five samples grown on LaNiO3 at growth temperatures in the range from 530 to 570 °C. a) Average
lead and oxygen content. Titanium was assumed to always be stoichiometric and used as a reference. Error bars represent the uncertainty of the fit.
The insets show the PFM phase image for each sample, with the control down/up/down/up/down structure written in the middle of the imaged
area. Low temperature grown samples are monodomain up, and up to 16% over-stoichiometric in lead, whereas high temperature grown samples are
mostly down polarized, and up to 2% lead deficient. Note that the target used was 10% lead rich. RBS is less sensitive to lighter elements, explaining
the much larger error bars on the oxygen stoichiometry—these measurements cannot exclude oxygen vacancy densities of the same order as the lead
vacancy densities. b) Lead stoichiometry profiles of the PbTiO3 thin films, as a function of growth temperature. Bands represent the uncertainty of the
fit. Low and high growth temperature samples are homogeneous within the experimental error, whereas intermediate growth temperature, polydomain
samples have significantly less lead at the surface.

Such gradient would be compatible with the observed gradient in c-axis. To explore the potential presence of compositional gradients, we measured the stoichiometry of our films
through their thickness using RBS (see Figure S8, Supporting
Information), with spectra taken on a series of 5 samples
grown on LaNiO3 at temperatures ranging from 530 to 570 °C
in 10 °C steps, and fitted using the SIMNRA software.[45] As
can be seen in Figure 5a, these fits confirm that all our samples are close to stoichiometric, except for the sample grown
at the lowest temperature which is lead-rich. This is explained
by the fact that we use a 10% Pb-rich target to compensate for
the well-known lead volatility. This volatility is lower at lower
temperature, resulting in a lead-rich film. The observed Pb
distribution moreover appears to be slightly inhomogeneous
through the film thickness, as can be seen in Figure 5b, with
the top surface showing higher levels of Pb deficiency for
intermediate growth temperatures, suggesting a small gradient in Pb vacancy concentration in the polydomain samples. These results are in qualitative agreement with element
analysis profiles extracted from the TEM (see Figure S9, Supporting Information).
Another possible explanation as to how the polarization
direction present in-situ during growth is stabilized ex-situ is
the presence of defect dipoles. Indeed, it is reported[46,47] that
Pb vacancies are able to form a dipolar divacancy complex
with O vacancies, the presence of which is not excluded by the
RBS data, and indeed highly probable in perovskite oxide thin
films.[48] We could therefore infer that the divacancy complexes
stabilize the in-situ polarization configuration by aligning with
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the direction of polarization present in the film at the time they
are formed, and freezing in upon cooling.
To estimate the concentration of defect dipoles that would
be required to achieve the variations in polarization deducted
from the GLD calculations, we return to the definition of polarization: the spatial density of (defect)-dipole moments. The
moment of one dipole is given by the effective charge of the
vacancies, calculated in ref. [49] to be 2.28e, multiplied by their
separation. Chandrasekaran[47] calculated that the energetically
favourable position for the vacancies in the dipole are on next
nearest neighbour sites, so that their out-of-plane separation is
given by the c-axis (up to a refining factor of 0.88 measured in
ref. [50]). The variation in polarization that cannot be attributed
to interface effects is at most 0.2 C m−2. The necessary density
of dipoles can now be estimated by dividing this number by the
dipole moment of one vacancy dipole, which gives 0.1 dipole
per unit cell. Although the assumptions made in these different
sources do not necessarily correspond exactly to our experimental set-up, we believe this number to be a valuable orderof-magnitude check of this hypothesis. Indeed, RBS shows lead
concentration as low as 0.93 per unit cell, which makes it plausible that the required concentration of defect dipoles could be
achieved at least locally.
One key consequence of this hypothesis is that, since the
divacancy dipoles are not present everywhere in the same concentration, the internal field the sample is subject to also varies
locally. Since this internal field is coupled to the out-of-plane caxis of the unit cell through the polarization, this results in the
observed gradient in the c-axis.
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Figure 6. Local strain and polarization mapping. Representative atomic resolution HAADF images (left column) and tetragonality maps (right) from
the a) up and b) downward polarized samples presented in Figure 4, Figures S6 and S9, Supporting Information. The top row corresponds to the top
of the film and the bottom row to the lower interface with the substrate; the red lines indicate the bottom electrode interfaces. The black arrows overlaid on the tetragonality maps depict the local polarization in the PTO film. c,d) Scatter plots of tetragonality as a function of Ti displacement for the
up and downwards polarized samples, respectively. Measurements were taken from several images and averaged to minimize measurement errors;
error bars represent the 1σ standard deviation. A general trend of greater Ti displacement (polarization) is observed with increased tetragonality which
is lower at the top of the up polarized film in (c) and vice versa in the downward polarized film in (d). The scale bar shown in (a) is the same for all
images and corresponds to 2.5 nm.

To assess local variations in polarization, we employed
atomic resolution HAADF at the top and bottom interfaces of
the two monodomain films. After drift correction and Gaussian
fitting to the atom columns (see experimental details), we
extracted the local tetragonality—defined by the positions of
Pb atom columns—and the displacement of the Ti columns
with respect to the central position of the unit cell. The latter
e
is related to the polarization via Pα = ∑ jβ Z ∗jαβ ∆u jβ where Δujβ
Ω
is the displacement of ion j in the direction β, Z ∗jαβ is the Born
effective charge tensor and Ω is the unit cell volume.[51,52] However, without knowing the precise Born effective charges (i.e.,
valences of the ions), calculating polarization values is likely to
be misleading in the present case due to the expected presence
of Pb and O vacancies discussed above.
Representative examples for the up and down polarized
films are shown in Figures 6a and 6b, respectively. The left
columns show HAADF images taken from the top and bottom
interfaces and the right column shows tetragonality maps with
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overlaid arrows (black) depicting the local polarization direction, i.e. opposite to the direction of Ti displacement. Both the
tetragonality and the displacement show strong local variations,
supporting the model of localized defects affecting both. Furthermore, plotting the average tetragonality of one unit cell
monolayer against the average out-of-plane displacement of the
same monolayer reveals a significant correlation, as shown in
Figure 6c,d. This supports the model that changes in polarization cause the gradient in c-axis observed by XRD. Additionally, the top and bottom of both films are clearly clustered,
with larger Ti displacement (polarization) and tetragonality at
the bottom of the up polarized film and at the top of the down
polarized film. These measurements essentially provide ‘snapshots’ of small regions at the extremities of the film, providing
further validation of the c-axis gradients in Figure 4. The only
significant exception to this overall behaviour are the first five
unit cells above the bottom electrode in the up polarized film
(the rightmost points in Figure 6c). These form a layer where
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the tetragonality is low compared to the rest of the film, but the
displacement is high. This observation points to a competing
effect keeping the tetragonality low in this area which could be
related to an interfacial effect. Further investigation is required
to fully understand this phenomenon, which could be similar
to the interface effects recently reported by other groups.[53,54]
However, for the rest of the sample volume, these results are
in line with a gradient of lead oxide dipolar vacancies inducing
a gradient in polarization, which leads to a gradient in strain.
In summary, we have achieved full deterministic control
of the intrinsic polarization state of ferroelectric thin films,
independently of the electrostatic boundary conditions. We
were able to target the polarization state to be monodomain
up, monodomain down, or polydomain, stable ex-situ for
at least two years, simply through the use of temperature
during film deposition, while maintaining full in-plane epitaxial strain and high surface and crystalline quality. We have
shown moreover that this control can be extended beyond the
growth stage of the film, and also achieved with a subsequent
in-situ annealing. Growth temperature is a particularly easy
parameter to access, thus allowing modulation in most of the
available growth and deposition systems. Beyond the purely
monodomain films, our work offers an additional tuning
parameter to create and stabilise extremely small domains
with the potential for unusual polarization textures, including
nanoscopic bubble domains, vortex and skyrmion-like topologies, opening new perspectives in the fast developing field of
domain engineering.

4. Experimental Section
Thin Film Growth: The samples in this study were grown epitaxially
using off-axis radio frequency magnetron sputtering. One series was
grown directly on unterminated (001)-oriented niobium-doped SrTiO3
substrates, the others were grown on TiO2 terminated, (001)-oriented,
undoped SrTiO3 with various back electrodes. SrRuO3 was deposited at
645 °C in 100 mTorr of O2/Ar mixture of ratio 3:60 using a power of 80
W. LaNiO3 was deposited at the same temperature as the PbTiO3 in 180
mTorr of a 10:35 O2/Ar mixture using a power of 50 W. The SrTiO3 spacer
layers (when present) and PbTiO3 thin films were deposited at the same
temperature varying between 525 and 590 °C in 180 mTorr of a 20:29 O2/
Ar mixture using a power of 60 W. A Pb1.1TiO3 target with a 10% excess of
Pb was used to compensate for Pb volatility, while stoichiometric targets
were used for all other materials.
XRD Characterization: The X-ray diffraction measurements were
performed using a Panalytical X’Pert diffractometer equipped with a
monochromator and a triple axis detector.
SPM Characterization: All SPM characterization was performed
using an Asylum Research Cypher atomic force microscope. Surface
topographies were obtained in tapping mode using Bruker TESPA tips.
Piezoresponse force microscopy phase and amplitude were recorded in
dual resonance tracking (DART) mode,[55] using conductive Mikromasch
HQ:NSC18/Cr-Au coated tips. Excitation amplitudes were typically less
than 500 mV per frequency. Alternating stripe domains were written by
applying -/+/-/+/− 5 volts to the back electrode while scanning with
a grounded metallic tip over an area of 0.5 × 0.5 mm2. A larger area of
1 × 1 mm2 was then scanned to image both the as grown polarization
state and the written stripe domains and compare them. This way the
three stripes written in the down state (with −5 V) could be differentiated
from the two stripes written in the up state (with +5 V).
SSPFM: SSPFM was performed using the same setup as PFM. Local
polarization-voltage hysteresis loops were acquired on each point of a
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16 × 16 grid over 2 × 2 mm2 using the SPM tip as a top electrode. The
saw-tooth potential (as described in ref. [37]) was applied to the tip,
with the bottom electrode being grounded. Amplitude signals from the
off loops were used for data analysis: the points of lowest amplitude
were used as values for the coercive voltages, which were then averaged
to give the built-in voltage. Points where the tip-sample contact was
obviously bad were filtered out and not considered for further analysis.
For more details see ref. [7]. The statistical data were fitted using a
Gaussian distribution.
TEM: Cross-sections for STEM were prepared by focused ion beam
(FIB) in an FEI Scios dual beam FIB-SEM system at acceleration voltages
of 30 kV (coarse milling), 16, 8 (thinning), 5 and 2 kV (final polishing).
STEM measurements were performed on an FEI Titan Themis operated
at 200 kV. High angle annular dark field (HAADF) images were obtained
with inner/outer collection angles of 56.3 and 200 mrad, respectively.
Data were corrected for specimen drift and scanning distortion using
pairs of images collected at orthogonal scan orientations using the
MATLAB procedure reported elsewhere.[58] Atomap[59] was used to
extract the tetragonality and Ti displacements by Gaussian fitting to
atom columns in the drift-corrected data.
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